An extensive study of the interface between highly oriented chemical vapor deposition diamond films and silicon has been performed using atomic force microscopy ͑AFM͒, high-resolution scanning electron microscopy ͑HRSEM͒, x-ray photoelectron diffraction ͑XPD͒, and transmission electron diffraction. The initial roughness of the silicon substrate has been investigated by AFM. Hydrogen plasma has been found to produce pits on the biased substrate surface. The local order of the ␤-SiC grown on silicon ͑100͒ during the biasenhanced nucleation step has been investigated by XPD through the C 1s and the Si 2p intensity modulations. Differences in the XPD diffraction features have been studied and found to be due to the element and energy dependence of the scattering effect. The preferential orientation of the diamond nuclei with respect to the silicon substrate has been quantified by comparison of HRSEM pictures and XPD patterns. Only 30-40 % of the crystallites have been found to be oriented relative to the substrate at an early growth stage of a highly oriented diamond film. The partial heteroepitaxy of the diamond nuclei has been confirmed by transmission electron microscopy through electron diffraction and bright-and dark-field images. Simulations of the XPD patterns induced by tilted and azimuthally rotated diamond crystallites have been performed in order to reproduce the smeared-out features of the experimental diffractograms. The short-range order of the diamond lattice at this early growth stage has been found. The amount of carbon on the silicon substrate has been measured by x-ray photoelectron spectroscopy and HRSEM. Comparing the results, we postulated the existence of carbon domains which are too small to be or become diamond nuclei and are etched away by the hydrogen plasma during the growth process.
I. INTRODUCTION
During the past decade significant progress has been made in the growth of oriented diamond films. The microwave plasma enhanced chemical vapor deposition ͑CVD͒ has proved to be an efficient deposition technique. By a biasenhanced nucleation step, good quality diamond is grown on silicon substrates. [1] [2] [3] Textured diamond films deposition 3 has been followed by the growth of diamond films which were partially oriented with respect to the substrate. 4 At present, diamond films are grown on silicon ͑100͒ with more than 80% of oriented crystallites relative to the silicon substrate. [5] [6] [7] However, a 5°to 10°tilt of the diamond crystallites relative to the silicon lattice is always observed. 8, 9 Due to the lack of appropriate investigation techniques very few studies have been done on the orientation of the early growth stage of polycrystalline diamond films. Most studies include scanning electron microscopy ͑SEM͒, 5, 10 atomic force microscopy 11 ͑AFM͒, or transmission electron microscopy ͑TEM͒. 12 The limited magnification power of SEM does not allow us to study the very early diamond growth stage but can give quantitative information about the amount of oriented diamond crystallites on the surface after less than one hour of growth. The problem of AFM investigations is the tip convolution effect which does not allow a sharp imaging of crystallites smaller than 0.3 m in diameter. 13 Despite its high resolution, TEM suffers from the lack of statistics. In addition, the sample preparation is very time consuming. SEM studies by Stoner et al. 5 have shown that only 50% of the diamond grains were oriented relative to the silicon substrate after the bias-enhanced nucleation step. 5 This misorientation is due to the large concentration of misfit dislocations at the diamond/silicon or diamond/SiC interface because of the large mismatch between the two lattices.
In this study, we used AFM to investigate the initial roughness of the silicon substrate. We compared x-ray photoelectron spectroscopy ͑XPS͒, x-ray photoelectron diffraction ͑XPD͒, and TEM investigations to study the very early stage of oriented diamond growth on silicon. As opposed to TEM, XPS and XPD are nonlocal probes but allow a chemical investigation of the top 40 Å of the sample surface. We will show that investigations by these three techniques show a rather weak percentage of oriented nuclei at an early stage of growth. After 15 h of growth, the diamond film shows a very good orientation as measured by SEM and x-ray diffraction ͑XRD͒.
We recently proved that heating the silicon substrate in a CH 4 /H 2 plasma to 800°C is sufficient to grow SiC oriented with respect to the substrate and that the orientation of the SiC layer or SiC islands is independent of the use of a bias during the pretreatment.
14 While this previous paper focused on the influence of the nucleation parameters on the orientation of the SiC layer and the diamond nuclei at the beginning of the deposition process, the present paper deals with an enlarged interface study of CVD diamond on silicon.
First, the roughness of the silicon surface at the beginning of the growth process will be investigated by AFM. Then, Published in Physical Review B 55, issue 23, [15895] [15896] [15897] [15898] [15899] [15900] [15901] [15902] [15903] [15904] 1997 which should be used for any reference to this work we will show that the local order of the ␤-SiC grown on silicon ͑100͒ can be studied by XPD, investigating either the C 1s or the Si 2p intensity modulations. Differences between the carbon and the silicon related XPD patterns will be discussed.
The smeared out features of the experimental diffractograms will be explained in terms of the percentage of early oriented diamond nuclei. Simulations of the tilted and azimuthal rotated diamond nanocrystallites will be shown. Comparing XPS and high-resolution scanning electron microscopy ͑HRSEM͒ measurements we will finally postulate the existence of nondiamond carbon domains at an early stage of growth.
II. EXPERIMENT
Low-pressure diamond growth was performed on silicon ͑100͒ substrates via microwave plasma chemical vapor deposition in a tubular deposition system. Silicon substrates were cleaned in acetone, introduced in the plasma system, and the deposition was started after the pressure in the chamber reached 10 Ϫ6 mbar. Nucleation was induced by applying a dc bias of Ϫ225 V to the substrate in a 2% CH 4 /H 2 gas mixture plasma and the deposition parameters were chosen in order to get an oriented growth of diamond on silicon ͑100͒ ͑845°C, 1% CH 4 in H 2 ͒. For early growth studies the oriented diamond deposition was stopped after 10 min in order to get individual crystallites with a reasonable size ͑60-90 nm in diameter͒. The surface morphology was measured by AFM ͑Nanoscope III, Digital Instrument Inc.͒. The samples were scanned with conventional pyramidal Si 3 N 4 tips in the taping mode. The roughness of the surface was estimated by root-mean-square ͑RMS͒ value calculations. The conductivity of the surface was investigated by a combination of AFM and STM. We used conventional AFM tips which were covered by a thin sputtered gold layer ͑200 Å͒. While scanning the surface in the contact mode, a bias was applied to the sample and the current flowing from the conducting tip to the sample was measured and displayed as a current map.
HRSEM was performed in a Hitachi S-900 in-lens fieldemission microscope. The primary accelerating voltage was 30 kV for high magnification and the beam current was 2 ϫ10 Ϫ11 A. The samples were cooled to 188 K in order to avoid contamination.
X-ray diffraction measurements were performed in a Siemens D5000 diffractometer using the Cu K␣ radiation and choosing the ͓111͔ diamond reflection. The pole figures were obtained by scanning the polar angle from 0°to 80°and the azimuthal angle over half a circle ͑0°-180°͒. In order to determine the full width at half maximum of the intensity maxima, the angular step was 1°for both angles.
Transmission electron diffraction ͑TED͒ studies were performed in a 200-kV Siemens TEM with a resolution of 0.21 nm. Only plan-view specimens were used here because the preparation of cross-sectional specimens ͑for high-resolution TEM͒ has been hindered by a defect rich interface.
The XPD experiments were performed in a VG ES-CALAB Mark II spectrometer modified in order to enable motorized sequential angle-scanning data acquisition 15 and equipped with a Mg K␣ ͑1253.6 eV͒ and Si K␣ ͑1740.0 eV͒ twin anode. In order to scan the electron emission direction relative to the crystal axes, the samples were fixed on a goniometric manipulator which is capable of polar (0°Ͻ Ͻ90°) and azimuthal (0°ϽϽ360°) motions. By rotation of the crystal, 3500 individual XPS spectra have been recorded and fitted. 16 The data are stereographically projected on a plane and represented in a gray scale, with maximum and minimum intensities as white and black, respectively.
Several theoretical approaches have been developed for describing photoelectron diffraction. 17 We apply the single scattering cluster ͑SSC͒ theory which was first derived by Lee 18 and then implemented by Kono et al. 19 The intensity from one particular photoemitter is calculated as the square of a coherent sum of a primary, unscattered photoelectron wave amplitude, and singly scattered amplitudes from all neighboring atoms in a cluster representing the crystalline order of the sample. The form used here takes into account the exact spherical wave form of the photoelectron wave at the scatterer site by using site-dependent effective complex scattering factors. The power of the SSC calculations in describing the experimental diffraction in natural diamond has been proved by Küttel et al.
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III. RESULTS
P-doped silicon ͑100͒ samples were first heated to 780°C in a hydrogen plasma during 3 min. Diamond nucleation was then enhanced by 8 min of dc bias treatment in a 2% CH 4 /H 2 gas mixture at a pressure of 20 mbar and a temperature of 780°C. 21 Oriented diamond growth was performed during ten additional minutes at a pressure of 40 mbar.
A. Surface roughness: AFM investigations
As-received silicon substrates are covered by an up to 40 Å thick native oxide layer even after the cleaning procedure in acetone. As an amorphous SiO x is not an adequate substrate for the growth of oriented diamond films, we removed the layer by heating the substrate up to 780°C in a pure hydrogen plasma during 3 min at 20 mbar in the CVD reactor. With an etching rate of 20 Å per minute, 2 min etching is sufficient to clean the silicon. Three minutes are necessary to reach and stabilize the temperature of 780°C. The hydrogen plasma etches the silicon substrate 22 and increases the surface roughness. Figure 1͑a͒ shows the untreated substrate surface. The roughness of the surface is less than 1 nm ͑0.3 nm rms͒. After 3 min in a hydrogen plasma, the surface roughness increased by a factor of 4 ͑1.2-nm rms͒ and features with a diameter of 20-30 nm appeared ͓Fig. 1͑b͔͒. They are due to the chemical etching of the silicon substrate by the hydrogen plasma.
After 15 additional minutes etching in a hydrogen plasma, the surface roughness increases to 10 nm rms. Hillocks with a diameter of 100 nm appear at the surface ͓Fig. 2͑a͔͒. No CH 4 was introduced in the gas mixture in order to separate the effect of roughness and crystallite formation. However, if a dc bias voltage (Ϫ225 Vdc) is used during the etching, the roughness increases to 3 nm rms only and pits with a diameter of 100 nm appear on the surface with a density of 6 ϫ10 9 cm Ϫ2 ͓Fig. 2͑b͔͒. This corresponds to the diamond nucleation density. However, no direct correlation between these pits and the nucleation sites can be drawn, unless we could prove the pits to be nucleation sites.
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B. Surface and interface orientation: Correlation between TEM and XPD investigations
As shown by AFM investigations, the silicon surface is rather rough before the enhanced nucleation step and the roughness increases during the biasing step ͑not shown͒. TEM measurements have been performed after the biasenhanced nucleation step and the XPD measurements presented here have been done after ten additional minutes of oriented diamond growth ͑XPD diffractograms measured just after the bias-enhanced nucleation step show the same features 14 ͒. Due to the polycrystalline nature of the film, the orientation of an overlayer with respect to the substrate can only be understood in terms of local heteroepitaxy or local orientation. The combination of TEM and XPD as it will be presented in the next paragraph is ideal for the investigation of the interface. While TEM is a very local probe, XPD averages the whole sample area and in addition, allows chemical information to be obtained.
TEM investigations
TEM bright-field investigations performed on the sample after the bias-enhanced nucleation step shows a high density of kinks defects in the silicon substrate ͑see Fig. 3͒ . The defects are about 100 nm in diameter and two micrometers deep. The defects density is comparable to the density of pits shown by the AFM picture of Fig. 2͑b͒ . A correlation between the defects in the biased substrate and the pits due to the etching by the hydrogen plasma seems probable.
It is known from molecular-beam epitaxy techniques that the growth of ␤-SiC on silicon occurs by pit formation in the silicon substrate: with increasing deposition time, the silicon surface is covered by SiC which inhibits the silicon surface diffusion formation of pits. 24 Our AFM measurements indeed do not show an atomically flat ␤-SiC/Si interface.
But, our first TEM measurements did not show any correlation between the presence of defects in the silicon substrate and the presence of ␤-SiC. Moreover, as already mentioned, no evidence of diamond nucleation in these sites has been shown. Therefore, at present time, we cannot prove the direct correlation between the defects in the silicon substrate and the formation of ␤-SiC or the nucleation of diamond crystallites.
No continuous and homogeneous ␤-SiC layer was found on the substrate investigated by TEM. Partially oriented ␤-SiC nanocrystallites have been measured only. Figure 4͑a͒ shows a TED pattern of a plan-view specimen from the silicon sample after the bias-enhanced nucleation step and Fig.  4͑b͒ shows the TED pattern of a diamond crystallite. Silicon reflections are indexed. S stands for heteroepitaxial ␤-SiC nanocrystallites and D for heteroepitaxial oriented diamond. R points out the reflection without any simple orientation relation with the substrate. ␤-SiC and diamond show a preferential orientation with a weak tilt relative to the silicon substrate. The crystallites are partly composed by nonepitaxial oriented diamond phase (R). This is confirmed by the dark-field plane-view image where the bright crystals are surrounded by a darker halo ͑Fig. 5͒. Only the brightest part of the crystals is heteroepitaxial diamond. In conclusion, TED measurements performed after the bias-enhanced nucleation step point out the presence of mixed heteroepitaxial, nonepitaxial, and tilted diamond, respectively. ␤-SiC nanocrystallites on the silicon substrate.
XPD investigations
XPD is based on the forward focusing effect of electrons by atoms. So far, XPD was used by different groups to investigate single crystals and adsorbates on single crystals. When investigating the early growth stage of diamond on silicon, results have to be interpreted very carefully. The electrons are collected from many different, small crystallites, which have a small but finite dimension and interfere on the detector position. The measured diffracted signal is the sum of signals coming from all these crystallites.
By measuring and saving the C 1s peak and the Si 2p peak for all angles and with subsequent fitting, we get structural information about the growing diamond film, the SiC interface, and the underlying silicon substrate in one measurement. Figure 6 shows the fitted C 1s ͓Fig. 6͑a͔͒ and Si 2p ͓Fig. 6͑b͔͒ photoemission signals at normal incidence. The C 1s core-level peak shows a C-C component at 968.8 eV kinetic energy ͑KE͒ and a C-Si component at 970.1 eV. The Si 2p core-level peak shows a Si-Si component at 1154.6 eV KE and a Si-C component at 1153.3 eV. As the sample has been transferred to air, both peaks show a weak shoulder which reflects the oxygen contamination.
a. Orientation of the diamond crystallites with respect to the silicon (100) substrate. Figure 7 shows the four x-ray photoelectron diffractograms related to the fitted components of the XPS spectra. The four diffractograms have been normalized in order to enhance the intensity contrasts ͑intensity normalization over the azimuthal angles for each polar angle͒. The diffractogram of the C-C component of the C 1s peak is shown in Fig. 7͑a͒ . The major features of the diffractogram structure prove the preferential orientation of the growing diamond crystallites with respect to the ͑100͒ silicon substrate. As described in Ref. 14 this preferential orientation is already visible after few minutes of bias treatment. Figure 7͑b͒ shows the diffractogram of the Si-Si component of the Si 2p peak. The structure of the diffractogram is similar to the one of clean ͑100͒ silicon 25 with the following restrictions: slightly smeared out features and a rapidly decreasing intensity with increasing polar angle ͑visible on the as-measured diffractogram before the normalization͒, both indicating the presence of a nonhomoepitaxial overlayer on top of the silicon substrate. 26 However, from the orientation of the different features in the diffractograms ͑Fig. 7͒ we can conclude that the diamond crystals are aligned with re- spect to the silicon substrate. As we already proved the orientation of the ␤-SiC relative to the silicon ͑100͒ substrate, 14 the orientation of the diamond crystallites relative to the silicon is confirmed by HRSEM performed on the same substrate before the ten additional minutes of growth: Figure 8 shows parallel SiC stripe structures 10 and textured diamond crystallites. The stripe structure is not formed before the introduction of CH 4 in the gas mixture ͑not shown͒ and can thus be associated to ␤-SiC deposition. The ␤-SiC stripes are parallel to the silicon substrate lattice confirming the orientation of the ␤-SiC with respect to the substrate. The ␤-SiC stripes are seen all over the substrate surface proving the formation of a rather complete SiC layer during the early stage of growth.
The broad character of the maxima in the C-C diffractogram ͓Fig. 7͑a͔͒ are due to the weak scattering power of C atoms 20 ͑see below͒ and the weak preferential orientation of the diamond crystallites. 21 Hence, the existence of a tilt between the growing diamond lattice and the silicon substrate cannot be addressed. 27, 28 However, our measurements absolutely rule out the experimental existence of the R45°theo-retical model proposed by Verwoerd 29 consisting in the epitaxy of diamond on silicon ͑100͒ through a 45°rotation of the diamond lattice relative to the substrate. The C-C component diffractogram and the Si-Si component diffractogram are in phase involving no important azimuthal rotation of the diamond lattice relative to the silicon lattice.
b. Orientation of the ␤-SiC layer with respect to the silicon (100) substrate. We already discussed the formation of an oriented ␤-SiC layer or islands during the initial growth phase of diamond on silicon ͑100͒ in Ref. 14. The growth of heteroepitaxial ␤-SiC is confirmed by the diffractograms presented in Fig. 7͑c͒ and Fig. 7͑d͒ . Figure 7͑c͒ shows the diffraction pattern of the C-Si component fitted from the C 1s core-level peak while Fig. 7͑d͒ shows the diffraction pattern of the Si-C component fitted from the Si 2p core-level peak. With an anisotropy of 30% ͓I max ϪI min /I max ͔ along the 54°p olar angle, the ␤-SiC grown during the first minutes of oriented diamond deposition can be considered as well oriented ͓the anisotropy for the same polar angle on a ␤-SiC single crystal is 43% ͑Ref. 30͔͒. Both diffractograms show an orientation with respect to the ͑100͒ substrate allowing a structural investigation of the ␤-SiC through either the C 1s or the Si 2p peak. While the global features are similar for both diffractograms, we would like to focus on the fine-structure differences shown by these two diffractograms and on the comparison of the related SSC calculated diffraction patterns. While the C-Si diffraction pattern ͓Fig. 7͑c͔͒ shows rather smeared out features, the Si-C diffraction pattern shows much sharper details ͓Fig. 7͑d͔͒. This is due to the kinetic energy of the collected electrons and the element dependence of the forward scattering and interference effect. 30 Silicon scatters about twice as much as carbon for forward-scattering directions which leads to important differences in the sharpness of the diffraction patterns. This is particularly evident if the maximum in the ͓110͔ direction at the polar angle of 45°i s considered ͑low index directions are plotted in Fig. 9͒ . In the ͓110͔ direction, an electron emitted by a carbon atom is only forward scattered by carbon atoms while an electron emitted by a silicon atom is forward scattered by silicon atoms. In Fig. 7͑d͒ , the relative sharpness of the ͓110͔ intensity maximum of the Si-C diffractogram is clear.
Our experimental results are in perfect agreement with the SSC calculations for SiC presented in Fig. 10 . A cluster of 218 carbon and silicon atoms distributed over six layers has been used and the diffraction pattern has been produced by the emission from three carbon atoms in the case of Fig.  10͑a͒ and three silicon atoms in the case of Fig. 10͑c͒ distributed over three layers. The position of the carbon, respectively, silicon atoms is sketched in Fig. 10͑b͒ , respectively, 10͑d͒. Two diffractograms rotated by 90°have been summed in order to simulate the presence of two ␤-SiC domains on the substrate 16 and the diffractograms have not been normalized. Comparing Figs. 10͑a͒ and 10͑c͒ , it is clear that the diffractograms global features are similar but that the features of the Si-C simulated diffractogram ͓Fig. 10͑c͔͒ are sharper than the one of the C-Si simulated diffractogram ͓Fig. 10͑a͔͒.
c. The smeared out character of the C-C scattering pattern. The weak scattering power of the carbon atoms does not explain the lack of fine structure in the experimental diffractograms of the ␤-SiC and CVD diamond. In comparison with the SSC simulated ␤-SiC diffractogram and the ͑100͒ natural diamond diffractogram ͓see Fig. 14͑a͔͒ , the diffractograms of Fig. 7 do not show any clear fine structure. The following considerations made for the C-C diffraction pattern can be extended to the ␤-SiC diffraction pattern without further restrictions. The smeared out features are due to the presence of nonoriented phases mixed to the oriented ones deposited on the silicon substrate, as measured by TED. Electrons of the slightly misaligned crystallites are averaged due to the large collecting area. Randomly oriented crystallites increase the overall background. These two effects are responsible for the rather fuzzy look of the diffractograms.
The presence of nonoriented crystallites is consistent with the HRSEM and the TED measurements ͑see Sec. III B͒ performed on the same substrate. A HRSEM picture is shown in Fig. 11 . The nucleation density is 6.3ϫ10 8 cm Ϫ2 and only 30-40 % of the 60 nm large diamond crystallites are oriented with respect to the silicon substrate. This is consistent with literature data. 10, 31 However, after 15 h of deposition, 80% of the diamond crystallites are oriented with respect to the substrate. As measured by XRD, the mean tilt of this thick diamond film is only 5°relative to the substrate. The pure rotational misorientation is only 4°. 32 The XRD halfpole figure measured for the ͓111͔ diamond reflection is shown in Fig. 12 and proves the very good orientation of the 10 m thick diamond film.
Our results are in good agreement with the model of evolutionary selection of specific crystallite orientations by Van der Drift.
3,33 A low percentage of oriented crystallites at the beginning of the growth can be changed to a highly oriented film by choosing adequate deposition parameters. However, there is a limit to the minimum amount of oriented crystallites necessary at the beginning. In Fig. 13͑a͒ we show the diffractogram of a sample which was only submitted to a nucleation enhancing treatment at 800°C during 8 min. No structure can be seen and in the HRSEM picture ͓Fig. 13͑b͔͒ no orientation of the crystallites can be recognized.
Simulations of the misorientation of the diamond crystallites have been performed by tilting ͑⌬͒ and azimuthaly rotating ͑⌬͒ the experimental ͑100͒ natural diamond diffractogram shown in Fig. 14͑a͒ . 20 The resulting diffractograms were summed and arithmetically averaged using 30% of well-oriented CVD diamond diffractograms and 70% of tilted or rotated diffractograms. The result is presented in Fig. 14͑b͒ . The fine structure is still visible even for an azimuthal rotation of ⌬ϭϮ8°. The intensity maxima are much broader than the experimental ones ͓Fig. 7͑a͔͒. Simulations of the tilting of the diamond crystallites ͓Fig. 14͑c͔͒ are a better approximation of the experimental diffractogram except that the ͓112͔ and ͓103͔ maxima ͑low index directions plotted in Fig. 9͒ are distinct even for ⌬ϭϮ6°. A combination of both effects does not produce a better agreement with the experimental diffractogram. It seems that other effects may play a significant role.
The best simulations have been obtained by rotating the SSC calculated diffractogram for a 5 ML diamond cluster 16 shown in Fig. 15͑a͒ with a tilt of ⌬ϭϮ6°. The resulting diffractogram is shown in Fig. 15͑b͒ . The global features and the intensity maxima are similar except for the ͓103͔ direction where the experimental intensity is weaker than the calculated one and for the curved bandlike structures centered along the projection of dense crystal planes which are absent from the experimental diffractogram. The lack of such features is typical for a long-range disorder. The good agreement of the experimental diffractogram with the rotated SSC 5-ML cluster diffractogram does not mean that the diamond crystallites are only 5 ML thick, but that no longer range order exists in the diamond lattice at this early growth stage due to the high density of misfit dislocations. This short range order is not sufficient to produce a low-energy electron diffraction ͑LEED͒ pattern.
The situation is different for an oriented diamond film grown during 15 h: the diffraction features typical for a longrange order ͑high index intensity maxima and weak curved bandlike structures͒ are visible despite of the smearing out of the pattern ͓Fig. 16͑a͔͒. LEED shows broad spots ͓Fig. 16͑b͔͒. The pattern does not allow a distinction between a (2ϫ1) and an (1ϫ1) reconstruction.
C. Surface composition: correlated XPS and HRSEM investigations
The HRSEM measurements of the substrate after 8 min of dc bias treatment and ten additional minutes of oriented diamond growth allows us to get quantitative information on the carbon phases present at the surface. HRSEM quantification have been compared to XPS studies of the surface. The amount of carbon calculated with HRSEM ͑Fig. 11͒ on the basis of a nucleation density of 6.3ϫ10 8 cm Ϫ2 and an average nuclei surface of 3.6ϫ10 3 nm 2 is 7-10 times smaller than the amount of carbon phases calculated on the basis of XPS measurements ͑Fig. 6͒. We conclude that the major part of carbon present on the sample is not in the form of diamond nuclei. We suppose the existence of carbon domains which are too small to be detected by HRSEM but are detected by XPS. It seems that these C-C domains are too small to be or become diamond nuclei and are then etched away by the hydrogen plasma during the growth process. Further confirmation stems from the fact that the nondiamond phase decreases rapidly with deposition time. This is suggesting the existence of a critical radius of the nuclei. 11 If the nuclei has not reached this size before the end of the bias treatment, it will be etched away during the growth process. However, we are not able to estimate the size of these domains and to tell without doubt if they have the diamond structure or not. Using a combination of AFM and STM, we are able to investigate the topography and the conductivity of the surface in one measurement. Preliminary analysis confirm the presence of small domains on the surface of the silicon substrate, which conductivity is different from the substrate and the diamond crystallites conductivity. Figure 17͑a͒ shows the topography of the sample after the bias treatment with one crystallite of 170 nm in diameter. Figure 17͑b͒ shows the current map of the same place on the substrate. All around the crystallite, which presents a bad conductivity ͑black, minimal current through the tip is 60 pA͒, small domains with differences in conductivity ͑gray to white, maximal current through the tip is 600 pA͒ are disposed. As the measured current depends on the tip gold coverage, we cannot specify the chemical species present on the surface. Therefore, this measurement does not consist in an indisputable proof of the existence of nondiamond carbon domains on the surface but confirms the presence on the surface of domains which conductivities are different from the diamond conductivity. 
IV. CONCLUSIONS
Surface roughness study of the silicon substrate at the beginning of the plasma process and after the bias-enhanced nucleation step has been investigated. The hydrogen plasma treatment increases the surface roughness by a factor of ten. Associated to a bias application, the hydrogen plasma produces pits on the substrate surface. No correlation between these pits and nucleation sites can be drawn.
The preferential orientation of ␤-SiC grown on silicon ͑100͒ during the first minutes of deposition has been proved by HRSEM and XPD. HRSEM shows that the ␤-SiC forms a rather complete layer on the silicon ͑100͒ and XPD shows that the orientation of the layer is not perfect.
The preferential orientation of the diamond crystallites with respect to the silicon substrate at an early growth stage has been studied by TEM, HRSEM, and XPD, and quantified by comparison of HRSEM pictures and experimental scattering patterns. At this early stage of growth, only 30-40% of the crystallites have been found to be oriented relative to the substrate. However, after 15 h of deposition, 80% of the diamond crystallites are oriented with respect to the substrate. The tilt measured by XRD is then of 5°. This is consistent with the model of evolutionary selection of specific crystallite orientations by Van der Drift.
Simulations of diffraction patterns induced by tilted and azimuthally rotated diamond crystallites have been performed in order to reproduce the lack of fine structure in the experimental diffractogram. Conclusions leading to the existence of a short-range order ͑not more than 5 ML͒ in the lattice of the diamond nanocrystallites after few minutes of growth have been drawn.
The structure of the ␤-SiC interface has been investigated through the fitted C-Si component of the C 1s peak diffractogram and through the fitted Si-C component of the Si 2p peak diffractogram. Differences in the diffraction features have been studied and found to be due to the kinetic energy and the element dependence of the forward scattering. The amount of carbon on the silicon substrate has been measured by XPS and HRSEM. Comparing the results, we postulated the existence of carbon islands which are too small to be or become diamond nuclei and are then etched away by the hydrogen plasma during the growth process. The size and the nature of these islands are not clear. A preliminary study by STM/AFM has been done and confirms the existence of domains, the conductivity of which is different from the diamond and the silicon ones.
